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We present the results of a combination of static and dynamic simulations employing empirical poten-
tials, investigating the structures of dislocations in UO2 and show how the dislocation core structure
influences the rate of O2� and U4+ diffusion along the dislocation (i.e. pipe diffusion). In the region imme-
diately surrounding the dislocations there is a significant reduction in the activation energies and diffu-
sion coefficients for O2� and U4+ diffusion, however only out to a cylindrical radius of �20 Å from the
dislocation centre. The contribution of pipe diffusion to the overall O2� and U4+ diffusion is also discussed.

� 2014 Elsevier B.V. All rights reserved.
1. Introduction

During its lifetime in-pile nuclear fuel (principally UO2) is ex-
posed to very high levels of irradiation. One of the most significant
consequences is the formation of dislocation loops [1] a process
that has been simulated on the atomic scale in UO2 via molecular
dynamics (MD) simulations [2]. As the burn-up of the fuel is in-
creased there is a marked increase in the dislocation density [3],
which can have a significant effect on the fuel’s properties, for
example the creep rate and the thermal conductivity [4]. TEM
images of high burn-up fuel pellets show that the dislocations
are heavily decorated by fission product precipitates, including
gas bubbles and metallic particles [5]. This is consistent with the
prediction of a thermodynamic driving force for the segregation
of ruthenium [6] and xenon [7] atoms to dislocations using atom-
istic simulation. At the pellet rim dislocation reorganisation into
‘‘sub-boundary’’ domains caused by dislocations piling up on these
fission product precipitates has been proposed as the mechanism
responsible for the formation of the high burn-up structure (HBS)
[8–10].

The reduced material density near to the core of a dislocation
can provide a low energy pathway for migration. Enhanced oxygen
conductivity correlated to an increased dislocation density has al-
ready been observed in other oxides, for example yttria-stabilized
zirconia [11]. Consequently, the increase in dislocation density
during the fuel’s lifetime may have a significant influence on the
rate of oxygen and uranium diffusion through the fuel grain. Dislo-
cations may also provide pathways for enhanced diffusion of fis-
sion products, in particular, dislocations pinned to fission product
precipitates may enhance the rate at which these bubbles and
metallic particles grow. This is particularly important as enhanced
diffusion along dislocations may be responsible for the higher than
expected rate of Xe diffusion at <1300 K [12].

The breakdown of linear elastic theory close to the dislocation
core, coupled to the difficulties encountered in performing direct
observations on such a small length scales, means that detailed
atomic scale models are useful. A number of theoretical studies
have examined pipe diffusion around dislocations in metals
[13,14], alloys [15] and ceramics [16], however, no studies of the
influence of dislocations on diffusion in nuclear fuels currently ex-
ist. Therefore, the aim of this work is to use atomistic simulation to
investigate the diffusion of O2� and U4+ in the region immediately
surrounding dislocations and to discuss the implications for fuel
behaviour.
2. Methodology

2.1. Modelling interactions in UO2

The interactions between uranium and oxygen ions in UO2 are
represented using a combination of a long range Coulombic com-
ponent, handled here using the direct summation method of Wolf
et al. [17] and a short range empirical pair potential. Use of the di-
rect summation has a number of advantages relative to the con-
ventional Ewald summation [18]; principally it is computational
less intensive and consequently allows the simulation of more ions
but it is also known to be more effective for non-periodic systems
such as dislocations [19].

There have been a large number of empirical pair potential
parameter sets derived for the UO2 system. Due to the large num-
ber of empirical potentials available there has been a significant
effort to compare their relative performance [20–24]. Previous
work has shown that 15 different empirical potential models pre-
dict the same ordering of the dislocation stability in UO2 [25]. Here
we adopt the potential model of Morelon et al. [26]. This potential
has been widely employed to study diffusion in bulk UO2 [27] and
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near grain boundaries [28,29] as well as for the study of disloca-
tions [30,31], thereby allowing us to discuss the relative impor-
tance of pipe diffusion in UO2.
Fig. 1. Diagrammatic representation of the procedure for the creation of disloca-
tions in UO2. (a) The initial configuration with the two planes of atoms removed and
(b) the supercell after energy minimisation. Clearly visible in (b) are the four 1

2 h110i
dislocations.
2.2. Creating simulation supercells

The dislocation core structure may be generated either by dis-
placing atoms according to linear elastic theory or via a ‘misfit’ ap-
proach such as that proposed by Bulatov and Cai [32]. Both
methods have previously been applied to UO2 [4,6,30,31]. Here
we adopt a variation of the ‘misfit’ approach as described below.

For all dislocation systems studied here (a list is given Table 1)
the ions are orientated such that the line direction of the
dislocation lies along the z-axis and the Burgers vector lies along
the y-axis. In all cases the Burgers vectors of the dislocations were
chosen to be 1

2 h110i in accordance with previous work [30]. Four
dislocations were then created at (x; y) = (0.25,0.25), (0.25,0.75),
(0.75,0.25) and (0.75,0.75) fractional co-ordinates by removing
two planes of atoms between (0.25,0.25) and (0.25,0.75) and be-
tween (0.75,0.75) and (0.75,0.25), as shown in Fig. 1, and reducing
the size of the supercell in the y-axis by a single Burgers vector. The
supercell was then subjected to energy minimisation under con-
stant volume conditions using the conjugate gradient algorithm
in the LAMMPS simulation package [33]. By creating dislocations
in this way we ensure that the number of planes of atoms in the
y-axis remains constant across the entire supercell and conse-
quently there is no unphysical strain at the periodic boundaries.

For a screw dislocation the Burgers vector is coincident with the
line direction of the dislocation. In order to ensure that the screw
dislocation is comparable to the edge dislocations the screw
dislocation also had a Burgers vector of 1

2 h110i. Again the cell
was oriented such that the line direction (and hence the Burgers
vector) was aligned along the z-axis and four dislocations were
then created at the same fractional co-ordinates as before by
displacing the atoms by uzðx; yÞ according to linear elastic theory,
i.e:

uzðx; yÞ ¼ b
! h

2p
ð1Þ

where h is the angle between the ion and the dislocation core. The
direction of the screw dislocations are set such that all neighbour-
ing dislocations screw in opposite directions in order to ensure
there are no spurious interactions at the cell boundaries.
2.3. Simulation procedure

For all simulations containing dislocations the supercells were
chosen to have x ’ y ’ 280 Å, resulting in a separation between
dislocations of ’ 140 Å and a dislocation density of
’ 5:1� 1015 m�2, which is only slightly greater than the disloca-
tion density observed in high burn-up nuclear fuel [3]. In the z
direction the cell was ’90 Å in order to achieve reliable statistics
for the movement of ions surrounding the dislocations. The num-
ber of atoms in each supercell was in excess of 500,000.
Table 1
The proposed slip systems and Burgers vectors considered here as well as the specific
vectors used.

Slip planes Slip directions Plane Burgers vector Line direction

{100} h110i (001) 1
2 ½110� ½�110�

{110} h110i ð�1 10Þ 1
2 ½110� [001]

{111} h110i ð�1 11Þ 1
2 ½110� ½1 �12�

Screw h110i – 1
2 ½110� [110]

CASL-I-2014-0126-000
Diffusion in the vicinity of the dislocations was investigated
using MD. The energy minimised supercells were equilibrated un-
der constant pressure conditions using the Nose–Hoover thermo-
and barostat at a series of temperatures between 1700 and
3200 K for 20 ps. A cylindrical region, of radius r, centred on the
dislocation was defined and the mean-squared displacement
(MSD) of the O2� and U4+ ions within that cylinder was calculated
over a period of up to 200 ps within the microcanonical (NVE)
ensemble. The MSD may then be plotted as a function of time
and the diffusivity, D, can be determined following Eq. (2):

D ¼ lim
t!1

1
2d

ri
!ðtÞ � ri

!ðt0Þ
h i2

t
ð2Þ

where d is the dimensionality of the system and t is time. The gra-
dient of the Arrhenius plot of the natural log of the diffusivity
against 1=T is then Ea=kB, where Ea is the activation energy, kB is
Boltzmann’s constant and the diffusion coefficient can be deter-
mined from the intercept with the y-axis.

In order to compare the diffusion of O2� and U4+ ions in the re-
gion immediately surrounding the dislocation and in the perfect
lattice, the activation energies and diffusion coefficients have also
been calculated in supercells of dislocation free UO2. For these sim-
ulations the supercells were constructed from 20� 20� 20 copies
of the unitcell. The system was equilibrated for 10 ps under similar
NPT conditions to those employed previously and then the MSD
was monitored over a period of 20 ps.

3. Results

3.1. Structure of the f100gh110i dislocation

For the f100gh110i system there are a number of possible ionic
configurations of the dislocation core that all exhibit the same Bur-
gers vector [34]. Three different core configurations are investi-
gated here; negatively charged, positively charged and charge
neutral dislocation cores (shown in Fig. 2). These are compared
by determining the line energy as a function of the distance from
the dislocation core. Here the line energy, EðrÞ, is defined as the dif-
ference between the energy of the ions contained within a cylinder,
EdðrÞ, of radius, r, centred on the dislocation and the energy of an
identical number of ions in the perfect lattice, EpðrÞ, i.e:

EðrÞ ¼ EdðrÞ � EpðrÞ ’ EdðrÞ �
X

j¼U;O

NjhEji ð3Þ
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where Nj is the number of ions of each type j and hEji is the energy
of ion j in bulk UO2.

Fig. 2(a) shows the line energies for the different core configu-
rations of the f100gh110i dislocation after ions have reached their
relaxed positions. The unrelaxed and relaxed configurations are
shown in Figs. 2(b)-(d) and 2(e)-(g) respectively. The line energies
shown in Fig. 2(a) predict that the charge neutral dislocation core
has the lowest line energy of the possible f100gh110i core struc-
tures and the negatively charged core has the highest energy. Due
to the high mobility of the O2� ions it is therefore expected that
f100gh110i dislocations in UO2 will display the structure shown
in Fig. 2(e) and therefore this is the only dislocation on the
f100g slip plane considered below.
−0.5
 0  5  10  15  20  25  30  35  40

Distance from dislocation core /Å

Fig. 3. Line energies for the dislocations studied here.
3.2. Dislocation stabilities

Fig. 3 shows the line energies of the four dislocations studied as
a function of the distance from the dislocation core. Resulting line
energies at 30 Å from the dislocation line are reported in Table 2.
The line energies may be compared to values determined by Parfitt
et al. [30] who created their initial dislocation geometries by dis-
placing the atoms according to linear elastic theory. When displac-
ing the atoms according to linear elastic theory the elastic
CASL-I-2014-0126-000
constants of the material must be used to calculate the atomic dis-
placements, however, in our approach dislocation structures are
created by allowing the ions to relax according to the forces on
the ions dictated by the potential model employed. Therefore,
the elastic properties are inherent in the relaxation and the



Table 2
Line energies at 30 Å from the dislocation core, D0 and Ea for oxygen diffusion
measured within 20 Å) compared to the dislocation free UO2. The values given in
brackets are the line energies calculated by Parfitt et al. [30], also at 30 Å, based on
dislocation structures generated from linear elastic theory.

System Line energy/Jm�1 D0/cm2 s�1 Ea /eV

Bulk UO2 – 0.65 2.45
f100gh11 0i 3.57(3.51) 0.26 2.17
f110gh1 10i 4.01(4.19) 0.046 1.74
f111gh110i 3.66(3.75) 0.032 1.66
Screw 2.87(3.00) 0.048 1.75
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dislocations generated should be similar to those predicted using
linear elastic theory. The excellent level of quantitative agreement
between the line energies at 30 Å calculated here and those re-
ported by Parfitt et al. [30] provides further validation of the cur-
rent method of generating dislocations. The ordering of the
dislocation stabilities is also identical to that proposed by Fossati
et al. [31] based on the stacking fault energies.

The screw dislocation is shown to have the lowest line energy
and the f100gh110i is predicted to be the most thermodynami-
cally stable edge dislocation, closely followed by the f111gh110i
dislocation. This is in good agreement with the experimentally ob-
served dominance of the f100gh110i slip system [35].
3.3. Diffusion in bulk UO2

Prior to an examination of diffusion surrounding a dislocation,
diffusion of both anion and cations in the bulk was studied in order
to provide frames of reference. The activation energy for O2� diffu-
sion was predicted to be 2.45 eV and the diffusion coefficient was
predicted to be 0.65 cm2 s�1. These values are in excellent agree-
ment with those of Govers et al. [27], which were calculated using
the same methodology and empirical pair potential. No diffusion of
U4+ was observed in the simulations of bulk UO2.
3.4. Diffusion near dislocations

The range over which the dislocation can affect the rate of dif-
fusion was examined by calculating the activation energies in a
series of concentric regions centred on the dislocation. Initially
the activation energy was calculated in an innermost core region,
which contained all O2�/U4+ ions within 5 Å of the dislocation,
the next region considered all O2�/U4+ ions between 5 and 10 Å
from the core and so on up to a radius of 35 Å.

The influence of the distance from the dislocation on the activa-
tion energies for diffusion were investigated for the f110gh110i
edge and screw dislocations and the results are shown in Fig. 4.
Also shown in Fig. 4 is the activation energy for O2� diffusion in
the bulk (dotted line). The results show that there is indeed a sig-
nificant reduction in the activation energies for diffusion close to
the dislocations. The change in the activation energies for O2� dif-
fusion are very similar for the f110gh110i and screw dislocations.
As the distance from the dislocation core increases there is a steady
increase in the calculated activation energies and the bulk activa-
tion energy has been recovered at a distance of 20 Å. Therefore,
in further studies the quoted activation energies for O2� diffusion
relates to ions within 20 Å of the dislocation only. Around the
screw dislocation there was evidence of some U4+ diffusion,
however, it was not sufficient to accurately determine an activa-
tion energy. By contrast around the f110gh110i edge dislocation
the activation energy for diffusion increased from 1.57 eV at 5 Å
to 5.45 eV between 10 and 15 Å. Outside of this region no diffusion
was observed.
CASL-I-2014-0126-000
During the simulations there were a number of ions that were
able to enter the core of the dislocation and move rapidly along
the dislocation line, however, most of the increased diffusion oc-
curs in the tensile region of the dislocation strain field, while there
appears to be reduced diffusion within the compressive region. In
the tensile region the ions are slightly further apart than in the
bulk and so it would be expected that the activation energy for
an ion to move between ions would be reduced. By contrast, in
the compressive region the converse would be expected with the
ions being closer together resulting in higher activation energies.
Simulations of strained CeO2 show that this effect is not isotropic
and that the increase in oxygen diffusivity in the bulk under ten-
sion is greater than the reduction in diffusivity observed when
the same amount of compressive strain is applied [36]. These
observations of strained bulk crystals suggest that the introduction
of an edge dislocation with approximately equal regions of com-
pressive and tensile strain (the strain fields surrounding edge dis-
locations are given in Parfitt et al. [30]) should lead to an overall
increase in the diffusivity. The difference in the diffusion of U4+

close to f110gh110i and screw dislocations can be ascribed to
the lack of any highly tensile regions in the strain field surrounding
the screw dislocation that are present close to the core of the
f110gh110i edge dislocation.

Next we compare oxygen ion diffusion surrounding the differ-
ent dislocations studied here. We note that as the temperature is
increased the dislocations themselves become mobile and are ob-
served to move several lattice spacings during the course of the
simulations. The most significant slip was observed in the
f100gh110i and f111gh110i systems where the predicted Peierls
barriers are the lowest and consequently these dislocations would
be expected to be the most mobile [30]. The MSD’s were carefully
monitored to ensure that the movement of the dislocations did not
influence the calculated activation energies and diffusion coeffi-
cients. The dislocation movement was not found to have any sig-
nificant impact on O2� diffusion, however, due to the small total
distances travelled by the U4+ ions, even at very high temperatures,
the contribution to the MSD due to dislocation slip is significant.

Fig. 5 and Table 2 show that for all dislocations there is a signif-
icant reduction in the activation energies and diffusion coefficients
for O2� diffusion in the region immediately surround a dislocation,
however, the activation energies are not the same for all disloca-
tions. The activation energy for O2� diffusion in the vicinity of
the f100gh110i dislocation was reduced by the least (i.e. to
2.17 eV compared to 2.45 eV in bulk UO2), while for the other edge



-17

-16

-15

-14

-13

-12

-11

-10

-9

-8

 0.3  0.35  0.4  0.45  0.5  0.55

ln
 D

 /c
m

2  s
-1

1000/T /K-1

Bulk
Screw

100
110
111

Fig. 5. Arrhenius plot showing the logarithm of D as a function of 1000/T for all the
different dislocations studied here. For comparison similar data is also shown for
oxygen diffusion in the bulk UO2.

S.T. Murphy et al. / Journal of Nuclear Materials 447 (2014) 143–149 147
dislocations the activation energies range from 1.66 to 1.75 eV. In
comparison the f100gh110i core is more compact and conse-
quently there is less room for the O2� ions to move through the
core. Additionally, the strain field is smaller thus reducing the
range over which the dislocation can enhance diffusion. However,
the screw dislocation while exhibiting the lowest line energy
exhibits a much reduced activation energy. This may be a conse-
quence of the different strain field for a screw dislocation (quadra-
polar) compared to that for an edge dislocation (dipolar). This
observation of different levels of O2� diffusion surrounding the dif-
ferent dislocations is commensurate with different levels of oxygen
defects surrounding the core region [31].

The MSD’s calculated for U4+ were found to be very small even
in the core region of the dislocations. For the f100gh110i and
f111gh110i edge dislocations the high temperatures required to
initiate uranium diffusion also activate slip. The contribution of
this slip to the U4+ MSD’s is significant and so cannot be considered
as pipe diffusion. By contrast the f110gh110i system has a high
Peierls barrier [30] and consequently it is possible to examine
U4+ diffusion around the dislocation.

In order to investigate the diffusion mechanisms in the region
surrounding the dislocation the self-part of the van Hove space
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(b) and (e)) and screw dislocations (figures (c) and (f)).
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time auto-correlation functions were determined [37]. The van
Hove auto-correlation function highlights the dynamical correla-
tions of the atom trajectories and defines the probability that an
ion at its origin at t ¼ 0 will have travelled a distance, dr, at time
t. This is more formally expressed as:

Gself ~r; tð Þ ¼ 1
N

XN

i¼1

d~r þ~rið0Þ �~riðtÞ½ �
* +

ð4Þ

where Gself ~r; tð Þ is the probability that an atom i has moved a dis-
tance r in a time, t;N is the number of atoms, ~rið0Þ is the initial posi-
tion of atom i and ~riðtÞ corresponds to the position of i at time t. The
brackets denote a statistical average over different configurations.
Auto-correlation functions were determined for O2� self diffusion
within 20 Å of the dislocation at 1700 K for t = 15 ps.

The van Hove auto-correlation functions for the f110gh110i,
f100gh110i and screw dislocations are plotted in Fig. 6. Also in-
cluded in Fig. 6 are the partial van Hove auto-correlation functions
where Gself is determined in x; y and z independently for the same
dislocations. Fig. 6(f) shows that the majority of ions have not left
their initial lattice sites, hence the large peak at � 1 Å. The second
peak at � 3:5 Å corresponds to the probability of an atom hoping to
a nearest neighbour site. Beyond this the total van Hove functions
(Fig. 6(a)–(c)) appear to have no clearly defined peaks, which sug-
gests a more Brownian type of motion rather than a hopping mech-
anism as would be expected in a crystal. However, by examining
the partial van Hove auto-correlation functions (Fig. 6(f)) it is evi-
dent that there are clearly defined peaks representing hops be-
tween well defined sites except in the region 4–6 Å in y for the
f110gh110i and f100gh110i dislocations. This region of ill de-
fined peaks in the y directions is due to ions traversing the core
of the dislocation where there are no clearly defined lattice sites.
It is also noteworthy that the probability of atoms moving larger
distances is greater for the f110gh110i and screw dislocations,
which would be anticipated from Fig. 5 because they exhibit lower
activation energies.
4. Discussion

A simple model for dislocation assisted diffusion, Da, is pre-
sented in Eq. (5) [38]:
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Da ¼ Db 1� fð Þ þ Ddf ð5Þ
where Db and Dd are the diffusion coefficients for bulk UO2 and the
dislocation core respectively and f is the fraction of diffusing species
that undergo pipe diffusion. Assuming the number of atoms per
unit volume is equal to that in the bulk then f is simply the product
of the dislocation density and the cross sectional area of the core.
Shown in Fig. 7 is a plot of logðDa=DbÞ for oxygen as a function of
temperature for the different dislocations studied at a dislocation
density of 1�1015 m�2. Fig. 7 shows that at low temperatures, with
the exception of the f100gh110i dislocation, there is a considerable
enhancement in the overall oxygen diffusivity due to the presence
of the dislocations. This effect decreases rapidly as the temperature
is increased, although it may still be significant at the rim of fuel
pellet (prior to the formation of the HBS at which point the disloca-
tion density is dramatically reduced) where temperatures can be
�800 K [39] or under storage conditions. An enhancement of
approximately one order of magnitude is predicted at 1000 K as
has been observed for albite [40].

Presented in Table 3 are the migration energies for the intrinsic
point defects in UO2 calculated using nudged elastic band simula-
tions [41] with the Morelon potential and density functional the-
ory. The activation energies for oxygen interstitial and vacancy
migration are shown to be lower than those calculated close to
the dislocation core.

Since no uranium diffusion was observed in the bulk UO2 it is
not possible to determine Da, however, it is again instructive to
compare the activation energies calculated in the dislocation core
and the migration energies of the isolated point defects. The activa-
tion energy of 1.57 eV in the core of the dislocation is significantly
lower than the migration energy for either the uranium vacancy
(4.2 eV) or interstitial defects (3.9 eV). Consequently, the results
suggest that dislocation assisted diffusion will play an important
role in U4+ transport. As shown previously the diffusion rate of
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Table 3
Table showing the migration energies for the interstitial and vacancy defects in UO2.

Defect Migration energy/eV

Morelon (Govers et al.[20]) Dorado et al. [42,43]

Oi-interstitialcy 0.7 0.93
Oi-direct 0.7 3.22
VO 0.67 0.3
Ui 3.9 4.2
VU 4.2 4.4
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some fission products, and in particular Xe, may be dictated by
migration on the uranium sublattice. Therefore, these results
may help explain the enhanced diffusion of Xe observed at temper-
atures < 1300 �C [12].

At elevated temperatures the high rate of diffusion of gas atoms
to traps (e.g. bubbles) is expected to overwhelm fission gas re-solu-
tion processes [44,45]. As a consequence, the fuel grains should re-
tain their fission gas inventory. Experimental observations, by
contrast, suggest that during a transient the release rate of fission
gas is increased. Two mechanisms have been proposed to explain
this phenomena, the first is thermal resolution from the bubbles
and the second is enhanced fission gas migration from the fuel
grain, with dislocations providing the pathway for this enhanced
diffusion [44,46]. The results presented here suggest that disloca-
tions are indeed capable of providing a pathway for the increased
diffusion on the uranium sublattice and possibly enhancing the dif-
fusion of fission gasses.
5. Conclusions

We have proposed a variation of the ‘misfit’ approach [32] for
the generation of dislocations in MD simulations. The resulting
supercells contain four dislocations arranged such that their dis-
placement fields cancel out, ensuring no spurious strains at the
periodic boundaries. The line energies for the dislocations are in
excellent agreement with similar results calculated for dislocations
generated by displacing the ions according to linear elastic theory
[30].

In the region immediately surrounding the centre of the
dislocation the activation energies and diffusion coefficients for
both O2� and U4+ are significantly reduced relative to the bulk
UO2 lattice. This indicates that dislocations enhance diffusion by
pipe diffusion. The extent of the region in which the diffusion is en-
hanced is relatively small; it extends only to a distance of 15–20 Å
from the centre of dislocation. Nevertheless, even within 5 Å of the
dislocation core the activation energy is greater than for diffusion
predicted at grain boundaries [28]. The degree of enhancement
due to pipe diffusion is strongly dependent on the structure of
the dislocation core with the most thermodynamically stable
f100gh110i edge dislocation showing the smallest reduction in
the activation energy and diffusion coefficient for oxygen diffusion
due to its compact core structure. Conversely, the screw disloca-
tion shows significantly enhanced oxygen diffusion despite having
the lowest line energy, which may be related to the different strain
field surrounding this dislocation.

In a real nuclear fuel it is not expected that pipe diffusion will
make a significant contribution to the overall oxygen diffusivity
at high temperatures, however it may be significant at lower tem-
peratures. By contrast, for uranium the introduction of dislocations
leads to a significant decrease in the activation energy close to the
dislocation core relative to diffusion mediated by point defects.
This increase in the mobility has significant implications for the
diffusivity of fission gas species that may segregate to the disloca-
tion [7] as the activation energy for U4+ is predicted to be the rate
determining step for Xe migration.
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